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ABSTRACT: Revisited network theory to account for inelasticity* was used to model behavior of amorphous and semicrystalline PET.
Semicrystalline materials were obtained through cold crystallization of the amorphous one making the crystalline microstructure the
only difference. The model considers microstructure at a mesoscopic level through the description of an equivalent network evolving
with internal state variables. Inelastic phenomena are assumed to result from the evolution of entanglements and of density of weak
bond between adjacent chains (van der Walls or H-bond, etc.). The experiment data base included nonmonotonic tensile test coupled
with synchronized digital image correlation and infrared measurement device for capturing the time and temperature dependence of
the material. Model show a pretty good ability to reproduce time dependent behavior of the two materials. Analysis of the parameters
also shows a coherent evolution with the microstructure though this latter is not explicitly accounted for in the model. Further study
will make relationship between microstructure and parameters clearer. © 2016 Wiley Periodicals, Inc. J. Appl. Polym. Sci. 2016, 133, 43837.
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INTRODUCTION

Despite of the large number of constitutive models available in
the literature (see Ref. 3 for a review), complete modeling of
the mechanical behavior of thermoplastics polymers is still an
open question. The nonlinearity of their behavior, even at mod-
erate strain and the combination of viscoelastic, viscoplastic,
and strain hardening (resp., softening) mechanisms without any
clear thresholds make difficult the definition of a general frame.
The sensibility of polymer mechanical behavior to temperature
governed by discrete relaxations and its strong coupling with
strain-rate dependence lead to complex evolution for parameters
when metal-like or even classical approaches are used.

Moreover, often technical polymers are semicrystalline material
in which strong relationship exists between microstructure and
macroscopic behavior. In such a case, models have to account
for the coexistence of two very different phases and for their
tricky respective organization. First models are based on mix-
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ture theory that combines the behavior of crystalline and amor-
phous phases, whereas microstructure is much more complex
than a blend of two phases and whereas role of tight molecules
are known to be of prime importance. Constitutive equations
were mainly proposed to account for macroscopic characteris-
tics such as crystal volume fraction (see for instance®™®).
Another approach is based on models consistent with contin-
uum mechanics (among others’™®) in which global behavior is
ruled by energy potentials and dissipation pseudo-potentials
that depends on postulated internal state variables. Such models
have shown a certain level of efficiency but for a limited range
of conditions. Moreover, such approaches are based on “a pri-
ori” decomposition of experimental observations into basic
components accounting for (i) reversible or irreversible mecha-
nisms; (ii) time-dependent or independent behavior. Each com-
ponent is then modeled through the combination of “simple
elements” (such as spring/dashpot) that can lead to complex
model.'® In finite strain formulation Ayoub et al.'' adopted and
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extended the physically—based elastic—viscoplastic model pro-
posed by Boyce et al.'* and Ahzi et al."’ to develop model
describing the mechanical behavior of semicrystalline polymers.
In their formalism, the inelastic mechanisms involve a visco-
hyperelastic network resistance acting in parallel with a visco-
elastic-intermolecular resistance assumed to be the contribution
of an amorphous and a crystalline phase.

Others authors used internal state variables theory to build
model in which internal variables are hoped to be physically
motivated physical
features see for instance the work of Refs. 14-16 or the work of
Dusunceli and Colak!” in which they modified, the small strain,
isotropic, viscoplasticity theory based on overstress'®'’
late viscous behavior. The authors considered the polymeric
materials as a composite material taking into account the crys-
tallinity ratio. However, this latter description is generally over-
simplified due to its complexity and, whatever this description,
lack of knowledge of mechanical behavior of each phase remain
making global modeling uncertain.

and associated to microstructural

to simu-

Some authors used the mean field mechanical approach to
obtain the effective properties of polymer through homogeniza-
tion’*>* to mention few. Referring to a study by Arnoult
et al” and Guegen et al,** they proposed a three-phase model
to estimate the effective properties of PET. The model consisted
of an ellipsoidal inclusion consisting of three domains (crystal-
line lamella, rigid amorphous phase or interphase region, and
mobile amorphous phase) embedded in a reference homogene-
ous medium.

l.23

Recent proposal by Billon' focused on potential alternative
route for constitutive equations to model time-dependent
mechanical behavior of polymers, whose efficiency was first
tested on amorphous material above T,. Basic idea was to start
with the fact that polymers are covalent chains and that pre-
sumably this should impact or control most of their properties
(at least above T,). So the central component of modeling
concept should be a polymer-like component rather than elas-
tic spring or dashpot. Statistical network was chosen. Inelastic
phenomenon could have been introduced either through
“visco-like” elements or pseudo dissipation potentials (as
already proposed see Ref. 1 for some examples). However,
hoping reducing the number of parameters it was suggested
that these later could result from changes in microstructure
accounted for through the evolution of associated state varia-
bles. As from a physical point of view strain-rate sensitivity is
not the cause of viscoelasticity but is the consequence of physi-
cal process (here microstructure re-arrangement) depending
on time through intrinsic kinetics, effort was put in introduc-
ing this kinetics in the model. So the polymer is assumed to
have the same behavior as an equivalent statistical network
modified to account for the effect of microstructure evolutions
which promote inelastic processes in the polymer. The non-
Gaussian statistical approach of entangled polymer network
developed by Edwards and Vilgis* is used. The Edwards and
Vilgis model is based on the Ball et al. theory®® that introduces
the concept of slip-link to account for the entanglement
entropy.
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Figure 1. (a) WAXS spectra of PET sheets and (b) DSC heating thermo-
grams at 10 °C/min (curves have been vertically shift). [Color figure can be
viewed in the online issue, which is available at wileyonlinelibrary.com.]

More precisely, the model considers microstructure at a
mesoscopic level through some internal variables involved
in the equivalent network description. Four descriptors of
internal variables rule the energy of the material by the
end:

e N, the density of permanent crosslinks between statistical
chains;

e N, the density of additional entanglements whose level of
freedom (“tightness”) results in one parameter (m in the
following).

e 1), which is related to the length of slippage in links;

e «, the inextensibility of the chain.

Inelastic phenomena are assumed to result from the evolution
of some of those variables ruled by postulated kinetics laws.
They have to be accounted for in the energy balance at any
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Figure 2. (a) experimental setup, (b) specimen dimensions and random pattern on the front surface, (c) true strain field and area of local behavior anal-

yses. [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]

time and associated increase in energy has to be compensated.
Similarly to Griffith theory for rupture, one postulates that
energy for microstructure evolution comes from the release of
part of elastic energy in the bulk, which induces some inelastic
strain-rate. So at any time inelastic strain rate is related to the
rate of variation of the microstructure state variables. First, dis-
entanglement of the amorphous polymer chains was associated
with an increase of the slippage length in the entangle-
ments.*>%¢ Abbility of the 1D (one dimensional) limit of the
model to reproduced most of the macroscopic viscoelastic
behaviors of polymers with a reduced number of parameters
was illustrated.' Feasibility to model rubbery PMMA over a
wide range of strain rates and temperatures with a using equiva-
lent strain rate at reference temperature as a “new” coupled
parameter to account for temperature and strain rate coupled
effects was also reported." Recently, Maurel-Pantel et al.”> com-
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pleted the approach proposing the fully 3D writing of the
resulting thermomechanical model in the rigorous frame of
thermodynamics.

The 1D limit of this approach was applied with reasonable
success on Polyamide 66 over a wide range of strain rate and
temperature in tensile conditions. However, a precise analysis
showed that agreement could be improved, especially concern-
ing the initial “rigidity” that seemed to be under estimated
(error less than 10%, nevertheless). Such underestimation
could be due to a certain weakness in modeling interaction
between chains that are of different type, may be especially in
the crystalline zone. Keeping the same mesoscopic level of
description Billon et al?’ suggested to enrich the model by
adding one network branch to account for weak interaction
(van der Walls, H-bonds, or so on), additionally to
entanglements.
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Figure 3. Temperature scans from 30 to 160°C at 1 Hz for the amor-

o

phous (black) and semicrystalline (red) PET. [Color figure can be viewed
in the online issue, which is available at wileyonlinelibrary.com.]

In this article, this enrichment is described and validated. As
crystal may be a tricky point to account for through such
approach PET is chosen as this material can be obtained either
in an amorphous or in a semicrystalline state keeping process-
ing unchanged by cooling and annealing protocol. Our focus is
to examine the influence of the mechanical behavior induced by
the amorphous or the semicrystalline microstructure on the
evolution of internal variables to assess their physical meanings.

The article proceeds first by an overview of the mechanical
behavior of an amorphous PET and a cold crystallized PET
tested under several strain rates and tensile conditions (load-
unload and load-relax-unload-relax). Next, the 3D thermome-
chanical formalism of the model is reminded and its extension
is presented. Constitutive equations of the model accounting for
several microstructure rearrangements (disentanglement and
loss of connectivity) contributions are described within the large
deformation formalism and follows the thermodynamic frame-
work. In constitutive modeling section, an inverse identification
procedure for the parameters of the model and their validation
are described. The description of equivalent chain network of
semicrystalline and amorphous polymer is discussed. Finally,
conclusions are drawn.

EXPERIMENTAL

Material and Methods

A PET resins for ISBM (Injection Stretch Blow Moulding) cur-
rently known as “Invista 1101” with an intrinsic viscosity (IV)
of 0.83 dL/g was used. It was supplied as amorphous plaques of
80 mm by 80 mm dimensions and 2.1 mm thickness. Material
was kept amorphous thanks to injection molding in a cold
mold according to the state of the art. Some of the plaques
were postcrystallized during isothermal annealing above glass
transition temperature under hydraulic laboratory press. Apply-
ing a temperature of 115°C during 2 h was found to be enough
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to reach a stable crystallization state without any degradation or
hydrolysis. To account for relaxation involved in that treatment,
amorphous plaques were also annealed at 80°C for 1 h. This
treatment was able to “renew” PET, that is, counterbalance
physical aging of PET?® and relax residual stresses due to proc-
essing. All tested specimens were further machined parallel to
the injection flow.

Wide-angle X-ray 6-2 6 diffraction scans in reflection were per-
formed using Cu Ko 1.54 A. As shown in Figure 1(a), broad peaks
of low intensity were found for PET after cold crystallization that
corresponded to the classical triclinic structure of PET*® whereas
amorphous materials only exhibited an amorphous diffusion.
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Figure 4. Strain components computed to ensure transversally isotropic
behavior of (a) amorphous PET and (b) semicrystalline PET. [Color figure can
be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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Figure 5. (a) Evolution of strain versus time during uploading and

unloading tensile test at an initial strain rate of 2-10%s™!; (b) principal
strain field at local maximum local strain of 0.075 for amorphous PET;
and (c) principal strain field at local maximum local strain of 0.075 for
semicrystalline PET. [Color figure can be viewed in the online issue,
which is available at wileyonlinelibrary.com.]

Broadness of diffraction peak for semicrystalline PET suggests that
lamellae should be small or imperfect.

DSC measurements were performed on less than 10 mg weight
and 200 pm-thick disk shaped samples tooled from the plaques
(close to the surface). This geometry ensured a good thermal
contact in the DSC machine for a maximum accuracy of meas-
urements. Heating rate was 10°C/min from 30 to 280°C.
Indeed, amorphous PET had to be as amorphous as possible
after rejuvenating and the treatment time for PET subjected to
cold crystallization has to be long enough to achieve complete
transformation of the crystalline domains.

Amorphous PET exhibited a classical trace for this type of mate-
rial with three transitions [Figure 1(b)]: T, at 75°C, an exother-
mic crystallization peak at 132 °C and the fusion at 246 °C.
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Crystallization enthalpy (—32 J/g) was almost equal to the fusion
enthalpy, which confirmed that initial plaque was amorphous as
suggested by X-ray diffraction [Figure 1(a)]. Postcrystallized PET
was found not to additionally crystallize during DSC measurement.
From fusion enthalpy a 31% crystallinity in mass was determined
(theoretical enthalpy was taken at 120 J/g according to Ref. 30).

Polarized optical microscopy was also used attempting to
address spherulitic microstructure. As a matter of fact if spheru-
lite exists, their diameter should be less than 10 pm. However,
plaques appeared to be optically uniform suggesting that poly-
mer was homogeneous.

To summarize, amorphous PET was rejuvenated but remained
amorphous whereas the semicrystalline PET was a 31% in mass
crystalline material.
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Figure 6. Uploading and unloading true stress-true strain curves obtained at
initial strain rate of (a) 2-107s™! and (b) 2-1072s"!. [Color figure can

be viewed in the online issue, which is available at wileyonlinelibrary.com.]
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Figure 7. Volume change obtained during uniaxial tensile test at initial
strain rate of 2 - 1073s~ 1. [Color figure can be viewed in the online issue,
which is available at wileyonlinelibrary.com.]

DMA analyses, Triton Tritec 2000 equipment, were also per-
formed for addressing the relaxations of the two materials. It
was performed in tension on 5 mm X 3 mm rectangle-shape
specimens of 2.1 mm in thickness. A maximal applied strain of
1077 was chosen to guarantee the linear viscoelasticity of the
material through the investigated temperature range. The heat-
ing rate was equal to 2 °C/min.

In a second step, tensile behavior at several strain rates was
explored at 23°C and at a relative humidity of 50% using an
Instron electromechanical load frame after the sample have
been stabilized in term of water content. The experimental
setup is presented on Figure 2(a). Local strains were measured
using full field measurement based on random pattern painted
on surface [Figure 2(b)]. To capture the out-of-plane motion,
two cameras in stereo-correlation were used to measure the dis-
placement field on the front face surface of the sample. Using a
third camera and a mirror, strain field was analyzed on the lat-
eral surface too. Therefore, no assumption was made about the
isotropy or incompressibility of the material. Our observations
were focused on investigating the deformation of the gage zone
as this region should stay reasonably homogenous during the
tensile test. Local true stress, true strain and local true strain
rate were then computed [Figure 2(c)]. Local true strain rate
was not constant but known at any time. Temperature evolution
on the specimen back surface was captured using infrared cam-
era. Entire experimental database consists in performing com-
plex loading at different strain rates (load-unload and relaxation
tests). All tests were repeated at least three times. Only the aver-
age results are presented here. Estimations of errors in strain
and stress measurements were added to the figures.

Viscoelasticity

The a-transition temperature (chosen at the maximum value of
loss angle) for amorphous PET ranged from 75 to 89°C for
loading frequency ranging from 0.1 to 10 Hz (84°C at 1 Hz).
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true strain
Figure 8. Temperature evolution at the necking point for uploading and
unloading at initial strain rate of 2 - 1073s™ 1. [Color figure can be viewed
in the online issue, which is available at wileyonlinelibrary.com.]

The a-transition temperature moved to higher temperatures for
semicrystalline PET. It ranged from 90 to 103 °C for loading fre-
quency ranging from 0.1 to 10 Hz (100°C at 1 Hz). As
expected, the drop in modulus for the semicrystalline PET is
less than the amorphous one due to the presence of a crystalline
structure. Moreover, the storage modulus at low temperature is
slightly affected by the crystallization (Figure 3).

Crystallization of amorphous material is also visible with the
increase in storage modulus close to 120 °C, which is in agree-
ment with DSC trace if the differences in heating rates are
accounted for.
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sile tests at initial strain rate of 2-107%s™! for the two polymers. [Color
figure can be viewed in the online issue, which is available at wileyonline-
library.com.]
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Figure 10. Schematic representation of chains interaction responsible for microstructure reorganization. [Color figure can be viewed in the online issue,

which is available at wileyonlinelibrary.com.]

From this analysis, one can concluded that at 23°C the two
materials will be such that amorphous phase is its glassy state
with a very low E”modulus, making the presence of crystal their
main difference.

Nevertheless the slightly postponed « transition for the semi-
crystalline polymer can suggest the presence of more
“constrained” amorphous phase in the semicrystalline material
(shorter free length, linked amorphous or so on).

Effect of the Amorphous and Semicrystalline State of PET on
the Mechanical Properties

Uploading-unloading tests were used to assess inelasticity in
PET at large strain for several strain rates. In this study, only
crosshead velocity were controlled, which mean that strain rate
varied during tension as a function of necking (Figure 4). How-
ever, exact instantaneous local strain rates were used in the
parameters identification process. The crosshead velocities of

Figure 11. Schematic representation of the decomposition of the total
deformation gradient.
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0.05 mm/s and 0.5 mm/s were selected to obtain initial strain
rate of approximately 2-1073s7! and 2- 10725}, respectively.
As we mentioned before, we used three cameras to capture the
three main strain components. Strain components were com-
puted by averaging strain field obtained by digital image corre-
lation in one section of the sample process zone [zone of
interest is displayed by the rectangular area in Figure 5(b)]. In
the following, €, stands for the longitudinal strain, €,, and €33
stand for the width and thickness transverse strain, respectively.
Longitudinal strain was computed on front and lateral surface
to be compared and to validate the alignment and the calibra-
tion of cameras. For both materials, the strain measured in the
thickness is equal to the strain measured in the specimen width
(Figure 4). Therefore, amorphous and semicrystalline PET could
be assumed to be transversely isotropic.

An increase in the strain rate was also observed in both materi-
als when necking occurred [Figure 5(a)]. Principal strain field
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Figure 12. Contribution of chain interactions on stress-strain curves
obtained for uniaxial tensile test.
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PET at initial strain rate of (c) 2 - 107*s™ ! and (d) 2 - 10725 L. [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]

obtained at the same level of local strain is given for the amor-
phous PET [Figure 5(b)] and for the semicrystalline PET
[Figure 5(c)]. Strain was highly localized in the amorphous PET
but in contrast with the semicrystalline material, strain field
looks more uniform. Moreover, the out-of plane displacement
at the necking onset for the amorphous PET was higher
than for the semicrystalline one. As the necking in the amor-
phous PET was more prominent than in the semicrystalline
polymer, the strain rate during necking was higher for the
amorphous PET.

The true stress—true strain curves were plotted in Figure 6.
Regardless the explored strain rate, the initial modulus of semi-
crystalline PET was only slightly higher than the modulus of
amorphous PET. In accordance with DMA analyses (Figure 3),
crystalline domains, obtained by cold crystallization, have small
contribution to initial elastic properties. However, if one consid-
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ers the nonlinear initial loading zone, rigidity of semicrystalline
material appears to be more significantly greater especially at
higher strain rate. The Poisson ratio was found to be close to
0.45 in both materials (0.455 for amorphous PET and 0.445 for
semicrystalline PET). Indeed, as generally observed,” the appa-
rent yield stress in semicrystalline PET was higher than for the
one of the amorphous one. This illustrates the fact that, if
exists, plastic like deformation of amorphous phase requires a
higher stress to be initiated in the semicrystalline polymer
which is consistent with an re-arrangement of amorphous phase
due to crystallization. Some processes are still possible in the
totally amorphous material that induce “plasticity” at lower
stress. Obviously crystalline process will also participate to yield
stress in semicrystalline polymer.

The volume change in both materials was examined. The ratio
of volume change during loading is given by eq. (1):
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where V, is the initial volume, dV=(V—V;) is the volume
change and ¢; are the principal strains. The volume was found
to increase with longitudinal strain in both materials (Figure 7).
Nevertheless, the value obtained was less than 3% at a strain
close to 0.2, which is coherent with a close to 0.5 Poisson ratio
in the “elastic zone” and which suggest that no specific damage
occurred at higher strain

Temperature evolutions were investigated for these uploading/
unloading solicitations (Figure 8). Initial thermo elastic cou-
pling could be evidenced with a 1.5° decrease in temperature.
From strain of between 3 and 5% dissipation became important
enough for temperature of both materials to increase. However,
this increase was less than 2°C, which allows concluding that
yield that appears close to strain of 5% can be related to inelas-
tic phenomena the initiation of which is not clear but not by
self-heating as DMA proved that effect of temperature can be
neglected in that range.

Amorphous phase exhibit a more important cooling effect. In
this zone, strain rate are equivalent for both the two materials.
So despite of a lower apparent yield stress amorphous material
could involve more elastic processes than semicrystalline poly-
mers. Concerning heat dissipation, it is also of interest to note
that the more rapidly loaded amorphous material appears to
heat up slower than the less rapidly loaded semicrystalline
material. However, differences are so low that it would be dan-
gerous to speculate further.

Hence, monotonic tensile tests were also performed under the
same condition on larger strain levels (more than 1). At equivalent
strain and strain rate, the increase in temperature is higher for the
semicrystalline PET than for the amorphous one (Figure 9). Let’s
then conclude that processes involved in the two materials could
have different natures.

Therefore, more energy seems to be dissipated in the semicrystal-
line PET. The reason is not obvious. Nevertheless, let us assume
two different hypotheses. In one hand, the plastic dissipation of
crystalline domains is added to the associated viscoelasticity of
the amorphous phase leading to an increase of total dissipation.
Crystalline structures are reorganized or destroyed to create new
crystalline regions by external loading. In another hand, the
amorphous domains that have been confined by crystal growth
during crystallization may dissipate more than “the free amor-
phous domains.” No evidence was found to confirm one of those
assumptions, the truth is leading somewhere between.

CONSTITUTIVE MODELING

According to chosen model"? Edwards and Vilgis' model was
chosen as equivalent network. Inelastic processes were assumed
to result from kinetics of internal variables variation induced by
the microstructure changes under loading. In this mesoscopic
approach, these mechanisms are neither amorphous nor crystal-
line per se. They are induced by the interactions between statis-
tical chains. As displayed in Figure 10, three main interactions
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are considered. First, chains can be linked by permanent nodes
or tight entanglements. Let’s N, be the volume density of such
nodes. In parallel, other chains can be entangled, that is, con-
nected through zones where a certain level of conformational
freedom exists. Edward Vilgis used the slipping ring concept
introduced by Ball.*® Those entanglements are represented by a
density N; and their level of freedom results in one parameter,
named . If m is zero, the node is constrained and therefore
equivalent to a permanent crosslink node. If m is higher than
zero, chains can slip and entanglement are supposed to gain in
freedom. Following previous work, the inelasticity in amor-
phous phase is assumed to be related to this increase of free-
dom in the entanglement nodes that results in an increase of m
as a function of the stored elastic energy (the more energy the
more rapid the disentanglement).

A third type of interaction has to be considered, which is repre-
sented by weak bonds between adjacent chains (van der Walls
or H-bond, etc.). Those interactions are assumed to constrain
the chain mobility up to a certain level of energy were the bond
can be broken. This interaction does not have any possible
“slippage” per se but they can disappear or be restored as a
function of strain stress and/or energy. They are accounted for
by a second set of crosslink nodes represented by N, where the
initial density of can decrease and disappear according to a
kinetics law. These interactions are assumed to be predominant
in denser zones such as organized amorphous or crystal.

The three different contributions are set into two parallel
branches (Figure 10). One branch represents the initial model
and combines the entanglements and the permanent nodes
whereas the second branch only concerns weak interactions.

Both the two branches obey to the initial concept considering
that the evolution in variables is compensated by releasing
stored elastic strain. The released stored energy is the source of
inelasticity that is defined branch per branch. The last variables
to set are the two chain extensibilities (one per branch). In the
first branch representing the initial model, the chain extensibil-
ity is assumed to be constant and therefore is set as a model
parameter. As far as the second branch is concerned, the chain
extensibility and the level of connectivity in the chain network
must be correlated. This is why we consider o* to be propor-
tional to Ny, (disentanglement) at any time.

The Kinetics law of m} and Ny, are defined as a function of the
stored elastic energy in each branch. Then, according to previous
work, mechanical problem can be written in a fully 3D form.

Kinematics

The kinematics of the problem is based on a multiplicative
decomposition of the deformation gradient. Considering X an
arbitrary material point in By (essentially, a body is identified
within a space with a fixed reference configuration), the
motion of B is described through the mapping x=y(X, t) via a
deformation gradient (F), velocity (v), and velocity gradient
(1) such as

F=Vy, v=j, l=grad v=FF! (2)

Following Flory’*> and Simo et al,”> we decompose the total
deformation gradient me into uncoupled, volumetric/deviatoric
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parts. For this purpose, we introduce the following volumetric/
deviatoric multiplicative split of F

F=J'F, detF=1, detF=] (J > 0) ®)

Following Lee,” Sidoroff,”” Lubliner,”® and more recently
Andriyana et al,”” we consider a multiplicative decomposition
of the volume-preserving deformation gradient F into elastic
and inelastic components for each branch,

T_TpepV__pepnVv

F=F'F/=F'F, (4)
where (Pi) k={12) Tepresents the elastic part due to “reversible
elastic mechanisms,” such as chain rotation inducing the differ-
ent conformations of the intermolecular structure in polymeric

. TV . .

@aterlal. (F k) k=112) rfepresents the 1n.elast.1c pa.rt due to the
intermolecular interaction between chains inducing a reorgan-
ization of the polymer network under deformation.

Figure 11 summarizes the decomposition described in egs. (3)
and (4) into the different configurations.

The following Cauchy Green tensors and velocity gradients are
written using egs. (3) and (4)

C=FTF=]*C, C=F"F, J=(det C)"? (5)
Ci=F‘£TFi=('Z)7TC(FZ)717 k={1,2} (6)
L=L{+F{L[F; ', k={1,2} (7)

where
L=FF k={1,2) (8)

The velocity gradients can be decomposed into their symmetric
and skew parts, for example, L=D+ W, with D=sym(L) and
W =skew(L). Assuming that the flow is irrotational, we have
W]=W}=0, and therefore the velocity gradients in eq. (7) can
be expressed as: L|=D;, Ly=D,

Classically, the Cauchy stress can be written as
o=J 't=J 'FSFT (9)

where 7 is the Kirchhof stress and S is the second Piola—Kirchh-
off stress expressed in configuration By. S will be determined
from the thermodynamic framework described in the next
section.

Thermodynamics
The internal dissipation inequality can be obtained from the
second law of thermodynamic and is given by:

1. .
S:5C=h >0 (10)
where s is the Helmholtz free energy per unit volume.

The Helmholtz free energy function is assumed to depend on a
number of state variables: the elastic Cauchy—Green tensor
(Ci)k:{l‘z} and a set of ISVs I1, as

O (MR ] (1

A special form of the free energy based on the non-Gaussian
statistic approach of polymer network developed by Edwards
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and Vilgis® and extended by Refs. 1 and 38 is chosen in this
study. The free energy can be decomposed into two compo-
nents: (i) the energy due to the polymer network deformation
restrained by permanent nodes (crosslinks); and (ii) the energy
due to the polymer network deformation restrained by slip links
such as entanglement points. The Edwards and Vilgis hyperelas-
tic model can therefore be described by:

W(C*m, 0)=(1/2)k0[Ne, (C*,0t) + Notry(C° ) | (12)

where k is the Boltzmann’s constant; 8 is the temperature; N, is
the density per unit volume of crosslinking; N; is the density per
unit volume of entanglement points; « is the limit of chain exten-
siblity. N, and N, are usually given in 10> m . In the following,

In the case of isothermal testing, the free energy described in
eq. (11) can now be specialized to:

2
=0, (Ca

k=1

NE &)+, ()) (13)

where \TJ:: represents the isochoric contribution of the branch k
to the free energy \, and \;(J) represents the volumetric func-
tional form introduced by Ref. 39.

Thus, the time derivative of \r, can be computed as

o0y g4 00 )Jr@\T’](f)

C, +a\b Jo(14)

aNk auk a]

Guided by Reese and Govindjee,** Simo and Hughes,”
the first term of eq. (14) can be evaluated as

o, el oy,
ac. “Tace

~(E) (Z“C’)wk) m‘r—éi( 2‘&) D}

where we have used eq. (6) and the symmetry of C},

bt (-

k=1

Holzapfel,*!

ure e T -cin
(15)

'\Cf’ Dk

40,41
Moreover from eq. (5), we have

- oC\ 1. .. 1.
C=2 —C=2]72%pT; c =jc':=C 16
(S)demar e te oo o
1

PT=If§C® c! (17)

Substituting eq. (14) together with egs. (15) and (16) into the
dissipation inequality, eq. (10), we obtain

2 Tk
Z(F,:w( Zﬁ)(ﬂ) } 0 - }:;c

JREIR

ey T W R N AT
Ckz<zac,i>'Dk (an ) <6N5’<NS
(18)

{s— J72/*DEV

D>

k=1

with

DEV()=()3[() s CIC ™! (19)

Using standard arguments,42
tutive equation of S,

we obtain from eq. (18) the consti-
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S=J 2*DEV(S)+pJC”! (20)  where the first term represents the inelastic work dissipated
with from reversible (k=1) and irreversible (k=2) mechanisms
X associated with the polymer network reorganization (chains
2 () relaxation inducing chains disentanglement) and the internal
— v \U T I
S kzzjl (Fe) <2 >(F ) p oJ (21 work associated with the field of residual microstresses induced
L. L by entanglements points, crystallized regions, and chain
The dissipation inequality is then alignment.
S (L0 L o (A0 Y (00 k) (20
c L P, YO . A7 I b S r& )l >0
k; [ kZ( ace) Tk \ o, k) | ank T
(22)  Constitutive Model
o This section develops in detail the 3D model equations describ-
Intrk(:ducmg for each branch the Mandel stress, M =C k( ), ing the mechanical behavior of the polymer.
we have
To determine the Cauchy stress tensor o, we use the additive
0 Lok O
My : D} < ‘1’1/ = \PZN + ‘l’v ) > 0, k={1,2} split of the Helmholtz free energy described in eq. (13). We
) ]T 61] 6N 0oy need now to specialize the expression of the isochoric and volu-
neetic dhipation internalwork metric parts of the free energy.
(23) The energy of Edward and Vilgis described in eq. (12) can be
written as a function of the invariants (f’l(, T]; , f];):
[ 1-a})I¢ |
Vg s LY o
(1—azI l)
w
VI T T3 a0 =(1/2)k9 (Ltn)(1—af) (72005430315 (24)
+Nsk (1—&%1?) (1+”r]klf+”r]kl +n;15)
+Hn [(1—aiI%) (1+0, I +niT5+0305)]
wk ]
h The stress S in eq. (21), can therefore be written as
wi k
T
s=>um (258 )
— —e k
If=tr(C}) e (27)
kL =ky ~e2 :i(F")f1 222: v, (I7) o (Fv)fT
IZ:E I,*—trace(C} )} (25) L k j=1 671; ac; )k
Th=det (C!) with
oy _,
Note that in our case, f’i=det (Cz)=1 so that the free energy is 6Ci
only a function of (flf, I). o (28)
2 _
The volumetric part of the free energy is chosen to follow the ac;
functional form of*
and
1
2 1 1 . =_ —
V()= Ks [5(1”—1)—1nr] (26) 5 Ks(U=1/) (29)

where Kp is an elastic bulk modulus. This functional form is
introduced as a penalty function which approximately enforces
the compressibility constraint of the material. In the following,
N, s and N, will stand for N8 and N6, respectively, with k
the Boltzmann’s constant and 6, the absolute temperature and
therefore are given in MPa.
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The Cauchy stress in eq. (9) can then be computed by substitut-
ing eqgs. (27) and (29) into eq. (20) as

=] 'FSFT =] ![dev(ESE")+pI]
:]71 (Tdev+'tvol)

With

J. APPL. POLYM. SCI. 2016, DOI: 10.1002/APP.43837



http://onlinelibrary.wiley.com/
http://www.materialsviews.com/

ARTICLE WILEYONLINELIBRARY.COM/APP Applied Polymer
70 C — 0o total & r— o total
C -- 0 branch2 80 + - o branch2
60 ¢ — -0 branch1 = F—-0 branch1
®en F 'V E ST .
$21 se0f /7
040 + 50 £ /!
§ : § 50 - 4
£30 40 £ f ’
o | 030 £ /
520 1 SF /
+-= - . + 20 'é —
10 - 3 BT ]
l'l 10 -E ””--’ /I
0 o 0 =t e T
0 005 0.1 015 0.2 0.25 . 0 0.02 0.04 0.06 0.08
@) true strain (b) true strain

Figure 14. Contribution of chain interactions on stress-strain curves obtained for (a) amorphous PET and (b) semicrystalline PET.

Tgo = sze [(a"’l ?1!5 )bk Z‘i’%k] (31)
TMZEKMF_UI (32)

and
=0 ORI (33)

The terms o,
oI

ol Uy are defined in Appendix A.

1
Inelastic Flow Rules. To complement the constitutive descrip-
tion, the material viscous flow needs to be described to capture
the kinetics of inelastic mechanisms observed during the defor-
mation of the polymer.

In branch k, the velocity gradient of deformation, D;, can be
expressed from @y, in eq. (23)

Wy, Oy ok, A

k
Puon =My 2 D (a N 2ay

) >0, k={1,2}

(34)
Assuming that the internal work associated with the polymer net-
work reorganization is proportional to the inelastic work, we have

Uy . AWy ok, Oy S
(amn aNk * 3 "):(I_Bk)M“Dk’

k={1,2}

(35)
where 3 could be the coefficient of Taylor—Quinney.

Equation (34) is then given by

—k
iy =Y a\|lv - \|J k a\|lv -
Qing =My : Dy~ (aﬂ Nk aNkN aak

= My :D;—(1-By)My : D}
:BkMk N DZ
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The rate of inelastic deformation can be deduced from egs. (34)
and (36) as

Sk Sk Sk -

Av_3 1 1 o, . O, ok OV dev(My)
== — .+ + 3 = N

D=3 g, dev(te)i (amm ok e ) \idev (31,1

k={1,2}

(37)

where the Mandel stress,*>** M, and the norm I+l can be
expressed, respectively, as

M=J°R" 'oR T (38)
3
lel=4 /20 39
5 (39)
The evolution equation for F! is then represented by
Fy=D{F, Di=¥;Ny k={1,2} (40)

where N p=dev(My)/Idev(M)! is the direction of viscous flow,
and v, ¢ is a viscous shear strain rate. The terms 2‘1”, gl\/“ nd S:lxlk
in eq. (37) is defined in Appendix A.

W

Microstructure Deformation Mechanisms

To finalize the description of the model, we need to describe the
evolution of the microstructure for both contributions. Following
Billon et al.,' the kinetics depends on elastic energy stored in the
equivalent network. Thus, the more the elastic stored energy in
network; the easier would be the rearrangement of this network.
Moreover, the form of the below kinetic equations can reproduce
different regimes at small and large deformations.

We define Ay as the difference between the energy of the
deformed polymer network and the undeformed one, that is,

A\Il \Ij (11712713»”f]k704k) \Ij (37371’nk5ak)

The evolution equation of 7 is related to the rate of chains slip-
page inducing a microstructure reorganization when submitted
to an external loading. More especially, the variable 7 accounts
for the disentanglement of the polymer chains. The evolution
kinetics is assumed to be given by eq. (41)
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Figure 15. Comparison model-experimental for complex loading for amorphous PET (a) time-stress curves (b) strain-stress curve and for semicrystalline
PET (a) time-stress curves (b) strain-stress curve. [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]

7. A\L,Pl

For k=10 = T avP

and m,=0.2343
Mo (41)

For k=2,9=0andm,=0
where Z, 1, p;, and p, are material parameters.

The evolution equation of N is related to the modification of
the weak bonds density. We postulated that an equilibrium
value exists (N;i‘“) depending on the amount of available
energy A\. A rate is therefore defined to reach this equilibrium
according to eq. (42)

For k=1,

For k=2,

Mnk\"‘li"§ WWW.MATERIALSVIEWS.COM
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NIm —N; > 0 then N =v|NIm —N,|?
(42)

Nim —N, < 0 then Ny=—v/|NIm —N,[P
where v, V', p are material parameters.
The evolution equation of ay is related to alteration of chain
extensibility. As already mentioned, the chains extensibility
depends on the number of chain interaction points. Therefore,
this kinetic of evolution needs to be proportional to the kinetic
of evolution of N¥ according eq. (43).
For k=1, =0
.a . (43)
For k=2,a=—N,
N;

All above kinetics could be viewed as phenomenological
approach to describe microstructure’s alteration.

Summary. Time effect in the present model is derived from the
evolution of the internal variables linked to the polymer
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Model parameter

Semicrystalline PET Amorphous PET

Branch k=1 Ng (MPa/mm?3)

Branch k=2 Ng (MPa/mm?)
N:2 (MPa/mm?)
o ()

()

Ts ()

g()

30.8 125.3
67.7 11810 %
1.07.10°® 1.08.10 ©
0 0

323 350
0.918 0.650
2.72 2.64
1.1510°° 1.1510°°
63.3 54.5

0 0

0.258 0.256

0 0

6.37 8.25

213 2.35
3.02.10°1° 3.01.10°1°
207 172

2 2

2Nonoptimized parameters.

microstructure. The energy needed for microstructures changes is
balanced by elastic release and by dissipative effects. Microstruc-
tures changes are based on chains mobility and interactions.
Inelastic processes are due to disentanglements and to the
decrease of active weak bonds. In the case of uniaxial tensile
loading, the behavior of each branch of the model is presented in
Figure 12. We can notice that the first branch of the model char-
acterized by the internal variable, m, reproduces a “viscoplastic-
like” or long term viscoelastic-like behavior of the polymer
induced by the “cooperative motion” of the polymer chains. The
second branch characterized by the internal variables, N; and «,
represents a “viscoelastic-like” behavior of the material.

Uploading—unloading experimental investigations have shown
an increase in temperature up to 5°C, and the above constitu-
tive model should be combined with some temperature depend-
ence.” However, at this step, only the effect of crystallization
was of first interest and according to Figure 3 and DMA analy-
ses an increase of 5°C close to 23 °C should not modify drasti-
cally the behavior of the two materials as they are in their glassy
state. Therefore, material self-heating was neglected in this first
investigation but integration of such thermomechanical cou-
pling is important and will be considered in future works. One
route to take thermal coupling into account is to use an
extended multiplicative decomposition of the total deformation
gradient F into nonlinear elastic F¢, inelastic F" and isotropic

thermal due to thermal expansion F, see for instance.**™*’

COMPARISON MODEL—EXPERIMENT

The constitutive model, described in the previous section, was
validated under complex loading at different strain rates for
both polymers, that is, amorphous PET and semicrystalline
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PET. However, the purpose of this study is not only to see the
capabilities of such model to capture the mechanical behavior
of the two polymers. Our focus is also to investigate the direct
influence of the different mechanical behavior induced by the
amorphous or the semicrystalline microstructure on the evolu-
tion of internal variables to assess their physical meaning.

Stress computations were performed by accounting for the local
true strain rate that was experimentally measured (see for
instance Figure 5). Model parameters for each microstructure
were identified using inverse analysis on the whole set of
uploading—unloading experimental data (Figure 13) and com-
plex relaxation tests (Figure 15). Cost function was defined in a
classical mean square method based on experimental and calcu-
lated equivalent stresses. Minimizations were conducted by
means of the simplex algorithm of the “fminsearch” MATLAB®
function. The identification procedure is able to find a set of
parameters that reproduced experimental data with reasonable
agreement for both materials. The model described in the sec-
tion called constitutive modeling captured tensile cyclic loading
performed at different strain rates (Figure 13) as well as relaxa-
tion loading (Figure 15) on amorphous and semicrystalline
PET. Nevertheless, an underestimated stress was found in amor-
phous PET at high strain rate [Figure 13(b)]. The loss of preci-
sion was found to start with necking propagation.

The contribution of each branch on total stress is plotted on
Figure 14. According to this figure, the polymer chains disen-
tanglement appeared to be higher in amorphous network than
in semicrystalline one. Moreover the weak bond arrangement in
semicristalline PET lead to higher stress in branch 2.

The sets of parameters obtained by identification procedure for
amorphous PET and semicrystalline PET is able to well describe
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Figure 16. Evolution of model parameter linked to microstructure rearrangement during uploading-unloading tensile test at initial strain rate of

2-1073s~ L. [Color figure can be viewed in the online issue, which is available at wileyonlinelibrary.com.]

complex behavior of such materials (Figure 15). The several
relaxation phases during loading are well captured with the
model in both materials. Moreover on Figure 15, the experimen-
tal data showed an increase in stress during the relaxation steps
when materials are unloaded this feature was also reported by
refs. 48 and ** and modeled by for instance.”®' Shape evolution
“anomalous” or “unusual”?
behavior after strain reversal. Despite the facts that an underesti-
mated stress was found in both materials, the proposed model
captured this phenomenon sometimes called “anti-relaxation.”

of relaxation curves was called

As mentioned earlier, the major goal of this work was to show
how the described model built on chain network theory can
capture the main characteristics of an amorphous and/or a
semicrystalline network. As the microstructure affects the ther-
momechanical behavior of PET, the value of the model parame-
ters should evolve with the microstructure. Due to the strong
interaction between all the parameters, the impact of micro-
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structure on the model parameters is not trivial. Thus, starting
from a set of parameters that reasonably match the behavior of
the amorphous PET, the inverse method was applied to the
semicrystalline PET and parameters evolutions are analyzed. Val-
ues of the model parameters for each microstructures obtained
by inverse methods are given in Table I.

In our formalism, equivalent polymer network is described by
chain interactions; the chains are therefore linked by permanent
nodes (N, in branch 1) and/or slip-links (N in branch 1). As
crystallization increase the connectivity in polymers, the cross-
link node density (N, in branch 1) is expected to be higher in
semicrystalline PET than in amorphous PET. On contrary, the
slip-link node density (N, in branch 1) should be lower. In
agreement with these observations, the identification of the
semicrystalline PET led to higher crosslink density and lower
slip-link density. Indeed, the permanent nodes density obtained
for amorphous PET was close to 0 MPa and increased to 60
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MPa for semicrystalline PET and slip-links node density
dropped from around 125 MPa to almost 31 MPa (Table I).

The parameter m is related to the degree of mobility of chains
in links. A zero m-value corresponds to permanent nodes. The
model parameters Z, 1, pl and p2 contribute to the evolution
of the degree of mobility, m. Thus, the disentanglement is
expected to decrease in the semicrystalline PET, due to the
decrease of chain mobility induced by the presence of crystalline
region. Therefore, the value of m should decrease. The latter
remarks are in accordance with the model parameters obtained
for each microstructure (Table I) which led to a higher mobility
in amorphous PET. In fact, the value of m for semicrystalline
PET subjected to external loading is lower than for the amor-
phous one (Figure 16).

The evolution equation of Ny, (in branch 2) is related to the evo-
lution of weak bonds density and is associated to the viscoelastic
mechanisms of the polymer under deformation. These links act as
crosslink at small energy and disappeared as the energy increases.
Thus, as the mobility and disentanglement are higher in amor-
phous PET, the decrease of weak bonds (N, ) should be slower in
semicrystalline PET. These observations are in agreement with
value given in Table I and Figure 16 where the initial value of N,
is higher for semicrystalline PET than for amorphous one.

The evolution equation of o> depends directly on the density of
entanglement in the polymer chain network. For the semicrys-
talline PET, crystallization should result in an increase in o,

which means that chains are less extensible.

CONCLUSIONS

The purpose of this work was to study the ability of a model
built on chain network theory for capturing the main character-
istics of an amorphous and a semicrystalline network. The ther-
momechanical constitutive model, based on the approach
proposed by' and extended to 3D constitutive equations con-
sistent with thermodynamic framework by Ref. 2 was enriched
in terms of chain interactions and kinetic laws. The inelasticity
of the polymer network was modeled through disentanglement
mechanisms associated to the increase in the slippage length (m)
and the evolution of weak bonds density (Ny). This approach
was validated for both amorphous and semicrystalline PET. The
mechanical behavior of the two materials was investigated
through nonmonotone tensile tests coupled with digital image
correlation and temperature measurement using infrared camera
to highlight the influence of the microstructure on the local
behavior. Reasonable agreement was observed between model
and experimental results. As expected the values of the physi-
cally motived internal variable are modified by the polymer
microstructure. The study tended to confirm that permanent
nodes could account for the crystalline contribution whereas the
entanglements could account for the amorphous contributions.
In the developed formalism, inelasticity arises from microstruc-
ture re-organization of the equivalent network, due to the pres-
ence of crystalline region in the polymer. Thus, the connectivity
of the network is higher in the semicrystalline PET than in the
amorphous one. The model showed its capability to capture
this trend, as the evolution kinetics of the variables appears to
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be slower for the semicrystalline PET. In this first validation,
the thermomechanical coupling was neglected but the integra-
tion of such coupling is important and will be considered in
future works. Further investigations are needed to improve the
kinetic laws as well as its implementation on a FE code to fully
predict the mechanical behavior of the polymer.
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